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EXECUTIVE  SUMMARY 

Basic  studies  of  solidification  processing  and  high  temperature  deformation  that  have  a 
critical  effect  on  fracture  in  in^^'metallic  materials  have  been  conducted.  The  solidification  work 
has  led  to  a  better  underst  g  of  the  processes  that  control  interfacial  reactions  in  the 
experimental  materials.  A  detailed  examination  of  the  deformatitm  and  damage  behaviOT  of  a  spray 
deposited  Ni3Al  matrix  composite  has  resulted  in  a  better  understanding  of  the  role  of 
reinforcement  particulates  under  creep  conditions.  This  knowledge  was  needed  to  develop 
improved  methods  for  enhancing  the  high  temperature  properties  of  metallic  matrix  composites  as 
well  as  to  create  better  methods  for  predicting  creep  fracture  in  this  important  class  of  materials. 

The  principal  developments  reported  here  can  be  grouped  into  three  categories:  composite 
characterization,  solidification  processing,  and  an  analysis  of  deformation  and  damage  mechanisms 
that  control  high  temperature  fracture  in  a  NisAl  matrix  composite:  these  are  discussed  in  three 
sections  in  the  main  body  of  this  report 

A  study  was  undertaken  with  the  objective  of  assessing  the  correlation  between  point 
counting,  image  analysis  and  acid  analysis,  for  the  determination  of  the  volume  fraction  of 
particulate  reinforcement  in  MMCs.  In  order  to  illustrate  the  effects  of  reinforcement  and  matrix 
composition  on  the  results,  two  different  matrices  (A1  and  NisAl)  and  two  types  of  reinforcing 
particulates  (SiC  and  TiB2)  were  selected  for  the  present  study. 

In  order  to  investigate  the  accuracy  of  each  techruque,  a  statistical  analysis  of  variance  was 
used  to  study  the  measurement  results  for  (SiC4-TiB2)p~Ni3Al  composites.  The  results  of  the 
analyses  suggest  that  all  three  methodologies  utilized  in  the  present  investigation  can  provide 
reasonably  accurate  volume  fraction  determination.  The  most  significant  difference  between  the 
three  techniques  evaluated  in  the  present  study  involves  the  time  required  to  perform  the  volume 
fraction  measurements.  The  image  analysis  technique  was  substantially  faster  in  producing  results 
with  nearly  the  same  accuracy.  In  addition,  the  time  required  to  obtain  the  results  can  be  reduced 
further  by  programming  this  system  to  perform  all  measurements  automatically  once  the  optimum 
analysis  procedure  is  determined.  Fully  automated  measurements  can  be  conducted  in  a  matter  of 
seconds  for  each  photonucrograph  or  sampling  field,  while  the  point  counting  method  described  in 
ASTM  E562-83  requires  several  minutes  for  each  sampling  field.  This  difference  in  time 
multiplied  by  the  recommended  minimum  number  of  30  fields  for  each  volume  fraction 
determination  results  in  a  considerable  time  savings  using  the  image  analysis  system.  In  addition, 
whereas  image  analysis  and  point  counting  can  be  accurately  accomplished  using  a  standardized 
procedure,  acid  analysis  will  depend  on  the  type  of  matrix  involved  and  is  very  sensitive  to  the 
experimental  procedure.  For  example,  during  the  filtration  process,  extreme  care  must  be  taken  in 
order  to  avoid  accidental  loss  of  filtrate,  since  this  will  void  the  results  of  the  test  Furthermore,  it 
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is  impcHtant  that  the  filtrate  be  allowed  to  dry  sufficieDtly  before  its  final  weighing,  since  the 
presence  of  an  aqueous  component  will  increase  the  mass  of  the  filtrate.  In  the  case  of  the 
(SiC-fTiB2)p-Ni3Al  c(Hnposite,  for  example,  a  series  of  trial  experiments  suggested  that  it  was 
necessary  to  allow  the  samples  to  dry  at  room  temperature  for  a  period  of  one  week,  before  final 
weighing  was  conducted.  In  summary,  the  results  of  the  present  study  show  that  all  three 
methodologies  can  provide  reasonably  accurate  volume  fraction  determinations;  however,  image 
analysis  may  be  piefened  over  the  other  two  techniques  as  a  result  of  the  time  savings  realized. 

The  mechanisms  governing  the  morphological  changes  in  the  microstructure  of  spray 
atomized  and  deposited  Ni3Al  and  a  NijAl  matrix  composites  (IMCs)  were  studied,  with  particular 
emphasis  on  the  formation  of  spheroidal  grains  and  die  interfacial  interaction  between  Ni3Al  and 
ceramic  reinforcements.  The  various  microstructural  features  present  that  are  in  the  spray 
deposited  material  were  rationalized  on  the  basis  of  thermal  energy  considerations.  The  formation 
of  spheroidal  grains  was  proposed  to  evolve  from:  a)  the  homogenization  of  dendrites  that  did  not 
deform  extensively  during  deposition;  and  b)  the  growth  and  coalescence  of  deformed  or  fractured 
dendrite  fragments.  The  formation  of  an  interfacial  reaction  zone  between  Ni3Al  and  TiB2  in  the 
deposited  Ni3Al  IMC  was  proposed  to  be  activated  by  the  thermal  energy  associated  with  a 
sluggish  cooling  behavior  during  deposition.  Support  for  this  suggestion  was  provided  by 
experimental  results  and  numerical  analyses  which  show  that  the  microstructures  of  Ni3Al  and 
Ni3Al  IMC  are  exposed  to  a  high  temperature  aimeal  during  deposition. 

High  temperature  fracture  mechanisms  were  studied  in  a  spray  deposited  and  extruded  Ni3Al 
composite  reinforced  with  both  TiB2  and  SiC  particulates.  For  this  investigation,  creep  rupture 
specimens  were  tested  under  constant  stresses  ranging  from  180  to  350  MPa  in  vacuum  at  1033K. 
Metallographic  examinations  of  tested  specimen  cross-sections  reveal  that  the  high  temperature 
fracture  is  primarily  manifested  by  the  nucleation  and  growth  of  cavities  on  the  grain  boundaries  of 
the  NisAl  matrix  as  opposed  to  cavitation  on  the  Ni3AlA'iB2  interfaces.  The  results  also  suggest 
that  the  cavities  nucleate  at  fine  carbides  lying  on  the  Ni3  A1  grain  boundaries  which  result  from  the 
decomposition  of  the  SiCp.  This  observation  accounts  for  the  relatively  short  rupture  times  for  the 
Ni3A]/SiC/TiB2  IMC  compared  to  that  for  monolithic  NisAl.  The  overall  results  indicate  that  a 
Ni3Al  matrix  composite  containing  only  T1B2  could  have  a  resistance  to  high  temperature  fracture 
that  is  comparable  to  monolithic  NisAl  with  the  advantages  of  higher  a  strength-to-weight  ratio  and 
stiffness  provided  by  the  reinforcement 
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I.  A  Comparison  of  Tcdiniqnes  for  Determining  the  Volume  Fraction  of 
Particulates  in  Metal  Matrix  Composites 

A .  Introduction 

The  attractive  physical  and  mechanical  properties  that  can  be  achieved  with  metal  matrix 
ctnnposites  (MMCs),  such  as  high  modulus,  strength,  and  thermal  stability  have  been  documented 
extensivdy  [1-4].  MMCs  combine  the  metallic  properties  of  the  matrix  (ductility  and  toughness) 
with  the  ceramic  properties  of  the  reinforcement  (high  strength  and  high  modulus).  Interest  in 
MMCs  for  aerospace,  automotive  and  other  structural  iq;>plications  has  increased  over  the  last  five 
years,  as  a  result  of  the  availability  of  relatively  inexpensive  ceramic  reinforcements  and  the 
development  of  various  processing  routes  which  result  in  reproducible  microstructures  and 
properties  [4].  The  reinforcements  may  be  in  the  form  of  continuous  fibres,  whirrs,  platelets,  or 
particulates.  In  spite  of  the  fact  that  the  mechanical  properties  of  discontinuously  reinforced 
(particulates)  MMCs  ate  rqtottedly  inferior  to  diose  of  MMCs  reinforced  with  continuous  fibers  or 
short  whiskers  [S],  particulate  reinforced  MMCs  offer  several  advantages.  For  example, 
particulate  reinforced  MMCs  can  be  readily  formed  by  standard  or  near  standard  manufacturing 
techniques,  rendering  them  eccmomically  attractive  [4].  Furthermore  particulate  reinforced  MMCs 
outyerform  their  monolithic  counterparts  in  terms  of  hardness  and  modulus,  particularly  when 
crnisidering  ^licatitMis  n^iich  do  not  involve  extreme  loading  or  elevated  temperatures. 

The  physical  and  mechanical  behavior  of  particulate  reinforced  MMCs  depend,  not  only 
the  type  of  reinforemnent,  but  also  on  the  quantity  (normally  referred  to  as  volume  fraction)  and 
distribution  of  reinfotcing  phases  present  in  the  metal  matrix.  For  example,  the  volume  fraction 
dq)endance  of  die  tensile  strength  and  ductility  in  particulate  reinforced  MMCs  is  well  documented 
[5].  There  are  various  experimental  methods  available  that  can  be  readily  utilized  to  determine  the 
reinforcement  volume  fraction  in  MMCs.  The  most  widely  utilized  techniques  are:  manual  point 
counting,  image  analysis  and  add  analysis.  However,  a  review  of  the  available  sdendfic  literature 
reveals  that  there  is  limited  information  on  the  accuracy  of  these  three  methodologies,  particularly 
whmi  applied  to  particulate  reinforced  MMCs  with  differing  matrix  characteristics.  Therefore,  the 
present  study  was  undertaken  with  the  objective  of  assessing  the  correlation  between  point 
counting,  image  analysis  and  acid  analysis,  for  the  determination  of  the  volume  fraction  of 
particulate  reinforcement  in  MMCs.  In  order  to  illustrate  the  effects  of  reinforcement  and  matrix 
composition  on  the  results,  two  different  matrit^  (A1  and  NisAl)  and  two  types  of  reinfotcing 
particulates  (SiC  and  T1B2)  were  selected  for  the  present  study. 
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B .  Ezperimoital 


The  two  different  metal-matrix  composites  investigated  in  the  present  study  are  an 
aluminum  based  MMC,  and  a  nickel  aluminide  (Ni3Al)  based  MMC  The  first  composite  is  a  6061 
aluminum  matrix  containing  approximately  40  vol.%  of  SiC  particulates  (SiCp),  and  was  obtained 
from  the  Advanced  Composite  Materials  Corporation  (Greer,  SC).  This  material  was  processed  by 
a  powder  metallurgy  route,  consisting  of  blending  fine  atomized  matrix  powders  with  the 
reinforcing  particulates,  followed  by  canning,  pressing  and  hot  extrusion  [6,  7].  The 
microstructuie  of  the  SiCp-Al  composite  is  shown  in  Fig.  1,  and  consists  of  a  fairly  homogeneous 
distribution  of  SiCp,  typically  less  than  10  tun,  in  the  A1  matrix.  It  is  also  worth  noting  from  this 
figure  that  the  SiCp  exhibited  an  aspect  ratio  slightly  greater  than  unity. 

The  second  composite  is  a  NisAl  intermetallic  compound  containing  both  SiC  and  TiB2 
particulates  with  a  combined  volume  fraction  of  approximately  10%.  This  intermetallic  matrix 
composite  (IMC)  was  prepared  by  a  spray  atomization  and  deposition  approach,  involving 
atomization  of  the  matrix  material  while  simultaneously  co-injecting  the  reinforcing  particulates, 
followed  by  deposition  onto  a  substrate  [8,  9].  The  microstructure  of  the  (SiC+TiB2)p-Ni3Al 
composite  is  shown  in  Fig.  2,  where  the  reinforcing  particulates  can  be  seen  to  be  randomly 
distributed  within  the  matrix.  It  was  not  possible  to  differentiate  between  the  SiC  and  TiB2 
particulates  in  the  photomicrograph  strictly  on  the  basis  of  size  and  morphology.  However,  it  is 
worth  noting  that  the  average  size  of  the  SiC  and  TiB2  particulates  is  ^proximately  3  pm  and  IS 
pm,  respectively,  suggesting  that  the  large  particulates  seen  in  Fig.  2  are  TiB2>. 

The  volume  fraction  of  ceramic  reinforcement  in  the  Al-matrix  and  the  Ni3Al-matrix 
materials  was  determined  using  three  different  techniques:  (1)  point  counting,  (2)  image  analysis, 
and  (3)  acid  dissolution.  The  specimens  for  point  counting  and  image  analysis  were  prepared 
using  standard  metallographic  techniques.  The  SiCp-Al  composite  was  etched  with  Keller's 
reagent,  whereas  the  (SiC+TiB2)p-Ni3Al  composite  was  etched  with  Marble's  regent  (lOg  CuS04: 
SOml  HCl:  SOml  H2O).  Over  etching  was  undertaken  to  enhance  the  contrast  difference  between 
the  matrix  and  the  ceramic  reinforcement  Following  etching,  three  photomicrographs  were  taken 
by  scanning  electron  microscopy  for  each  composite  to  conduct  the  point  counting  and  image 
analysis. 

Point  counting  was  performed  in  accordance  with  ASTM  standard  E562-83  [10]. 
Accordingly,  a  transparency  containing  a  square  grid  pattern  with  a  25  point  grid  size  was  placed 
over  a  photomicrograph  of  the  composite  material.  The  same  grid  size  was  used  for  both  the  Al- 
matrix  and  the  Ni3Al-matrix  composites.  The  volume  fraction  of  ceramic  reinforcement  was 
determined  using  the  procedure  specified  in  sections  7  and  8  of  ASTM  standard  ES62-83  [10]. 
This  methodology  involves  counting  the  number  of  grid  intersections  with  the  ceramic  particles  and 
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dividing  them  by  die  total  number  of  points  in  the  grid.  In  (»der  to  minimize  measurement  mms. 
thirty  sampling  fields  were  measured  on  each  photomicrograph.  The  average  volume  fractirm  of 
SiCp  in  the  Al-matrix  and  (SiC-f'nB2)p  in  the  NiaAl-matrix  was  determined  using  the 
aforementioned  procedure,  and  is  listed  in  Table  1  together  with  the  corresponding  deviation  of 
estimation. 

Image  analysis  was  accomplished  using  an  ImageSet  image  analysis  system  developed  by 
Dapple  Systems  Incorporated.  This  procedure  involved  computerized  analysis  of  a  digitized  image 
obtained  from  the  same  photomicrographs  of  the  etched  SiCp-Al  and  (SiC-fTiB2)p*Ni3Al 
composites.  The  average  volume  fraction  of  SiCp  in  the  Al-matrix  and  (SiC-t‘TiB2)p  in  the  Ni3 Al- 
matrix  determined  using  image  analysis  are  listed  in  Table  1. 

The  third  method  used  to  determine  the  volume  fraction  of  ceramic  reinfcxcement  in  the  two 
composite  materials  involved  acid  dissolution  of  the  matrix  phase.  For  the  SiCp~Al  composite  a 
concentrated  HCl  solution  (80  vol.%  HCl-20  vol.%  H2O)  was  used  to  dissolve  the  Al-matrix.  It 
was  experimentally  noted  that  Al  is  soluble  in  such  a  solution,  whereas  SiC  is  insoluble. 
Accordingly,  the  following  procedure  was  adopted  for  the  present  investigation.  A  SiCp-Al 
composite  sample  was  cleaned  using  acetone,  weighed  (me  =  mass  of  the  composite)  and  placed  in 
the  concentrated  HCl  solution  for  72  hours,  and  stirred  periodically.  Subsequently,  the  solution 
containing  the  dissolved  Al  and  insoluble  SiC  was  filtered  with  distilled  water.  The  insoluble 
material  obtained  from  this  step  was  then  air  dried  at  room  temperature  and  weighed  (msic);  ^ 
insoluble  material  was  assumed  to  be  only  SiC.  The  volume  fraction  of  SiC,  was  calculated 

using  the  following  relationship  fl  1]: 

”sic/PsiC 

SiC  ”c~”siC  ”siC  (1) 

Pai  Psic 

where  is  the  density  of  Al  equal  to  2.70  gm/cm^  and  psiC  is  the  density  of  SiC  equal  to  3.22 
gm/cm^  [4, 7].  In  order  to  minimize  experimental  error,  the  acid  dissolution  method  was  repeated 
with  five  different  SiCp-Al  composite  samples.  The  average  volume  fraction  of  SiCp  in  the  Al- 
matrix  was  determined  using  the  aforementioned  procedure,  and  is  listed  in  Table  1  together  with 
the  corresponding  standard  deviation. 

A  procedure,  similar  to  the  one  described  for  the  SiCp-Al  composite,  was  employed  for  the 
(SiC+'nB2)p"Ni3Al  composite,  with  the  exception  that  a  30  vol.%HQ-50  vol.%  HNC)3-20  vol.% 
H2O  solution  was  used  to  dissolve  the  Ni3Al-matrix.  It  was  experimentally  observed  that  the 
Ni3Al  matrix  is  soluble  in  a  such  solution  whereas,  the  1162  and  SiC  particulates  are  insoluble.  In 
addition,  prior  to  acid  dissolution,  the  volume  of  the  (SiC+TiB2)p-Ni3Al  composite,  Vcomp*  was 
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drtenniiied  cn  die  basis  oi  Aichimedes'  {vinciple,  widi  distilled  water  as  the  liquid.  Following 
acid  dissolutioo  and  drying,  the  weight  of  the  insoluble  product  was  recorded;  the  insoluble 
material  was  assumed  to  be  only  TlB2+SiC.  The  volume  fraction  of  ceramic  reinforcement, 
^'nB2+SiC’  calculated  from  die  following  equations: 


V 


NijAl 


“c'^TSBj+SiC 

^NijAl 


(2) 


where  is  the  volume  of  hhsAl,  me  is  the  mass  of  the  (SiC-»-TiB2)p-Ni3Al  composite, 

nLpjB2f  siC  ^  ^  ^  ceramic  reinforcement  (insoluble  product)  and  is  the  density 

of  NisAl  equal  to  7.50  gm/cm^  [12]  and 
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The  acid  dissolution  procedure  was  repeated  for  three  different  (SiC-i-TiB2)p-M3Al  composite 
samples.  The  average  volume  fraction  of  'liB2+SiC  in  the  Ni3Al-matrix  was  determined  using 
Equatitms  2  and  3  and  is  listed  in  Table  1,  together  with  die  corresponding  standard  deviation. 


C.  Results  and  Discussion 

In  order  to  investigate  the  accuracy  of  each  technique,  a  statistical  analysis  of  variance 
(ANOVA)  [13]  was  used  to  study  the  measurement  results  for  the  (SiC+TiB2)p'Ni3Al  composite. 
The  results  of  the  analysis  are  summarized  in  Table  2,  where  F'*'  is  the  calculated  factor  effect  risk 
and  Fo.9s  is  the  95%  confidence  F-value.  If  F*  >  Fq.ps,  then  there  is  95%  confidence  that  the 
measurement  techniques  used  will  influence  the  volume  fraction  results.  Inspection  of  the  results 
shown  in  Table  2,  however,  shows  that,  F*  <  Fo.9s,  suggesting  that  all  three  methodologies 
utilized  in  the  present  investigation  can  provide  reasonably  accurate  volume  fraction  determination. 
The  most  significant  difference  between  the  three  techniques  evaluated  in  the  present  study 
involves  the  time  required  to  perform  the  volume  fraction  measurements.  The  image  analysis 
technique  was  substantially  faster  in  producing  results  with  nearly  the  same  accuracy.  In  addition, 
the  time  required  to  obtain  the  results  can  be  reduced  further  by  programming  this  system  to 
perform  all  measurements  automatically  once  the  optimum  analysis  procedure  is  determined.  Fully 
automated  measurements  can  be  conducted  in  a  matter  of  seconds  for  each  photomicrograph  or 
sampling  field,  while  the  point  counting  method  described  in  ASTM  E562-83  [10]  requires  several 
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minutes  for  each  sampling  field.  This  difference  in  time  multiplied  by  the  rectunmended  minimum 
number  of  30  fields  for  each  volume  fraction  determination  results  in  a  considerable  time  savings 
using  the  image  analysis  system.  In  addition,  whereas  image  analysis  and  point  counting  can  be 
accurately  accomplished  using  a  standardized  procedure,  acid  analysis  will  depend  on  the  type  of 
matrix  involved  and  is  very  sensitive  to  the  experimental  procedure.  For  example,  during  the 
filtration  process,  extreme  care  must  be  taken  in  order  to  avoid  accidental  loss  of  filtrate,  since  this 
will  void  the  results  of  the  test  Furthermore,  it  is  important  that  the  filtrate  be  allowed  to  dry 
sufficiently  before  its  final  weighing,  since  the  presence  of  an  aqueous  c(»nponent  will  increase  the 
mass  of  the  filtrate.  In  the  case  of  the  (SiC'fTiB2)p-Ni3Al  composite,  for  example,  a  series  of  trial 
experiments  suggested  that  it  was  necessary  to  allow  the  samples  to  dry  at  room  temperature  for  a 
period  of  one  week,  before  final  weighing  was  conducted. 


D .  Summary 

In  summary,  the  results  of  the  present  study  show  that  all  three  methodologies  can  provide 
reasonably  accurate  volume  fraction  determinations;  however,  image  analysis  may  be  preferred 
over  the  other  two  techniques  as  a  result  of  the  time  savings  realized. 
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Table  1.  Volume  Ftaction  of  Ceramic  Reinforcement 


t  Compare  this  value  with  Fo.95(2, 9)  =  5.14. 
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Fig.  1.  Scanning  electron  micrograph  showing  the  distribution  of  SiC  particulates  in  the  6061 
A1  matrix. 
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Fig.  2.  Scanning  electron  micrograph  showing  the  distribution  of  SiC  and  TiB2  particulates  in 
the  Ni3Al  matrix. 
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II.  Mkttwtracfare  EvolBtkm  te  NisAI  and  MsAI  Matrix  CompcMritaa  Daring 
Spray  Atmudation  and  Deposition 

A .  Introduction 

bt^metallic  compounds  aie  attractive  candidate  materials  in  applications  that  requite  elevated 
temperature  stability.  Of  the  various  types  of  intermetallic  compounds  available,  the  LI2  stnictuie, 
long-range  ordered  Ni3Al  tystem  has  received  considerable  attention.  The  yield  strength  of  this 
material  increases  with  increasing  temperature,  up  to  600  **€  [1, 2].  Moreover,  microalloying  with 
B  dramatically  improves  the  grain  boundary  cohesirm  of  polycrystalline  NisAl,  thereby  providing 
significant  improvements  in  ductility  [1-4].  The  density  of  bn3Al  is  lower  than  diose  of  traditional 
Ni-base  superalloys  because  of  the  high  content  of  AL  In  addition,  unlike  Ti-based  intermetallics 
which  require  sophisticated  processing  techniques  due  to  their  high  reactivity,  NtyAl  may  be 
manufactured  by  conventional  processing.  Mote  recently,  investigators  have  sought  to  achieve 
further  improvements  in  the  properties  of  intermetallics,  by  utilizing  them  in  intermetallic  matrix 
crxnposites  (IMCs)  crmtaining  continuous  or  disccmtinuous  ceramic  reinforcements  [S-8]. 

Over  die  past  decade,  spray  atomization  and  deposition  has  attracted  considerable  attention  as 
a  viable  processing  alternative  for  structural  materials,  and  has  been  successfully  applied  to 
numerous  alloy  systems  [9-12].  This  synthesis  methodology  essentially  refers  to  a  two-step 
process:  the  energetic  disintegtation  of  a  molten  matmal  by  inert  gas  jets  into  micron-sized  droplets 
(atomization)  and  the  subsequent  depositirm  of  the  mixture  of  solid,  liquid,  and  partially  solidified 
droplets  on  a  substrate  surface  (deposition)  [13].  The  droplets  eventually  collect  as  a  coherent 
preform,  the  nucrostructure  of  which  is  largely  dictated  by  the  solidification  conditions  of  the 
droplets  during  impact  This  synthesis  methodology  offers  a  potentially  attractive  manufacturing 
route  for  several  reasons.  Hrst  the  highly  efficient  heat  extraction  during  atomization  ensures  the 
maintenance  of  relatively  low  processing  temperatures  which  limits  large  scale  segregation  and 
coarsening  phenomena.  Second,  the  inert  conditions  required  for  atomization  and  deposition 
minimize  surface  oxidation  and  other  deleterious  surface  reactions.  In  addition,  spray  atomization 
and  deposition  may  potentially  be  used  for  near  net  shape  manufacturing  of  difficult-to-form 
materials,  such  as  intermetallic  compounds  and  discontinuously  reinforced  metal  matrix 
composites  [14-16]. 

Detailed  study  of  the  solidification  mechanisms  that  govern  the  evolution  of  microstructure 
during  spray  atomization  and  deposition  is  made  highly  complex  by  the  extreme  differences  in 
thermal  envirorunent  before  and  after  impact  of  the  droplets  onto  the  deposition  surface.  During 
atomizatiiMi,  the  violent  extraction  of  tiiemial  energy  by  the  atomization  gas  promotes  the  formatirm 
of  highly  refined  microstructures  [17].  In  contrast,  the  solidification  conditions  after  the 
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distribution  of  droplets  arrives  on  the  deposition  surface  are  governed  by  relatively  sluggish 
cooling  rates  [18, 19].  The  microstnicture  of  spray  atomized  and  deposited  materials  is  generally 
reported  to  exhibit  spheroidal  or  "equiaxed"  grains,  a  feature  that  is  consistently  observed 
regardless  of  alloy  composition.  Recently,  a  comprehensive  study  of  this  phenomena  has  been 
reported  [20].  Moreover,  recent  work  on  the  interfacial  behavior  in  metal  matrix  composites 
processed  spray  atomization,  co-injection  and  deposition  has  revealed  some  interesting  insights 
into  the  thermal  and  solidification  ccmditions  that  govern  microstructural  evolution  [21. 22]. 

In  view  of  the  aforemendoned  findings,  the  objective  of  the  present  work  was  to  summarize 
recent  findings  on  the  mechanisms  that  govern  the  morphological  changes  in  the  microstructure  of 
spray  at(»nized  and  deposited  NisAl  and  NijAl  IMCs,  with  particular  emphasis  on  the  formation  of 
spheroidal  grains  and  interfacial  interactions  between  NisAl  and  ceramic  reinforcements. 
Accordingly,  the  evolution  of  microstnicture  in  monolithic  Ni3Al  and  Ni3Al  IMCs  is  discussed  in 
light  of  results  obtained  from  numerical  simulations,  experimental  results  and  detailed 
microstructural  studies. 


B.  Experimental  Procedures 

The  alloys  used  in  these  studies  were  provided  by  the  Oak  Ridge  National  Laboratory  (Oak 
Ridge,  TN,  U.S.  A.)  under  the  designation  IC-50  and  IC-396.  The  nominal  compositions  of  the 
as-cast  IC-50  and  IC-396  Ni3Al  were  (in  atomic  percent)  21.8  Al,  0.3  Zr,  0.09  B,  bal.  Ni,  and 
16.3  Al,  8.1  Cr,  O.S  Zr,  1.7  Mo,  0.03  B,  baL  Ni,  respectively.  Microalloying  with  B  and  Zr  has 
been  shown  to  improve  the  grain  boundary  cohesion  of  polycrystalline  Ni3Al  [1-5],  whereas  Cr 
and  Mo  reportedly  improve  the  high  temperature  resistance  of  these  alloys.  TiB2  (C32  type, 
hexagonal  structure)  equiaxed  particulates  were  selected  as  the  reinforcements  in  the  Ni3Al  IMC 
and  exhibited  a  typical  size  of  10  [im  [21, 22]. 

The  synthesis  of  Ni3A]/TiB2  IMC  by  spray  atomization  and  deposition  involves  the  following 
procedure.  The  matrix  material  (Ni3Al)  is  superheated  to  a  preselected  temperature  of  1823  K  and 
delivered  to  an  atomizer,  where  it  is  disintegrated  into  a  Gaussian  distribution  of  micron-sized 
droplets  using  nitrogen  gas  at  a  dynamic  pressure  of  2.41  MPa.  The  mass  flow  rates  of  the 
atomizing  gas  and  melt  ate  0.078  and  0.022  kg/s,  respectively  [21, 22].  Simultaneously,  two  jets 
of  TiB2  particulates  positioned  at  180*’  from  each  other  are  injected  into  the  atomized  spray  at  a 
previously  selected  flight  distance,  i.e.,  15.2  cm.  Following  co-injection,  the  mixture  of  rapid 
quenched,  partially  solidified  Ni3Al  droplets  with  interdispersed  ceramic  particulates  is  deposited 
onto  a  water-cooled  copper  substrate  (placed  at  a  flight  distance  of  25.4  cm),  eventually  collecting 
as  a  coherent  preform.  Both  particulate  injection  and  substrate  distances  are  typically  determined 
on  the  basis  of  the  numerical  analysis  of  the  temperature  and  fraction  of  solid  contained  in  the 
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atomised  matrix  droplets;  a  more  diorou^  discussicm  of  the  experimoital  process  and  the 
nunwrical  results  is  available  dsewhere  [13, 20].  To  avoid  extensive  oxidation  of  the  hR^Al  matrix 
dining  processing,  the  experiment  is  conducted  inside  an  enviroiunental  chamber.  The  chamber  is 
evacuated  down  to  a  pressure  of  200  Pa  (~1.5  torr)  and  backOlled  with  inert  gas  of  nitrogen  prior 
to  melting  and  atomization.  To  process  the  monolithic  Ni3Al,  no  reinforcing  particulates  are 
injected  into  the  atomization  spray  and  all  other  processing  parameters  are  identical  to  those  used 
for  the  Ni3Al/llB2  IMC  experiment 

The  geometry  of  spray  deposited  I^3A1  and  Ni3Al  IMC  often  exhibits  a  contour  aldn  to  the 
Gaussian  distribution  of  droplets  impacting  on  the  substrate  [23],  shown  in  Fig.  1,  although  this 
geometry  may  be  readily  modified  by  displacing  the  substrate  during  deposition.  Fig.  1  also 
shows  the  positions  of  three  thermocouples  that  ate  placed  at  various  distances  from  the  water 
cooled  substrate  to  systematically  monitor  the  temperature  of  the  material  during  deposition. 
Thermocouple  I,  type  K  (Chromel  vs.  Alumel,  temperature  range  273  ~  1523  K),  is  positione 
the  substrate  surface.  Thermocouples  n  and  m,  type  C  (Tungsten-S%Rhenium  vs.  Tung&  u, 
26%Rhenium,  temperature  range  273  ~  2593  K),  are  placed  at  5  mm  and  10  mm  above  the 
substrate  surface,  respectively.  To  minimize  any  effects  derived  from  the  lag  time  of  the 
thermocouples,  no  ceramic  protection  tubes  were  used  in  these  experiments  [20].  Moreover,  it  is 
w(Hth  noting  that  the  lag  time  of  these  particular  thermocouples  is  approximately  0.9  seconds.  The 
temperatures  of  three  thermocouples  are  simultaneously  recorded  in  a  Tracor  Westronic  4030 
Recorder  during  the  experiment 

To  systematically  investigate  the  microstructure  of  NisAl,  sectioned  samples  from  as- 
deposited  NisAl,  and  atomized  Ni3A]/liB2  powders  were  isothermally  annealed  under  argon  inert 
gas  protection  at  three  different  temperatures:  1 108  K,  1258  K,  and  1403  K  for  given  times.  The 
aimealed  samples  were  then  prepared  for  microstructural  analysis  using  standard  metallographic 
techniques.  Marble's  reagent  (lOg  CUSO4 :  50ml  HQ  :  50ml  H2O)  was  used  to  etch  polished 
cross-sections  of  the  samples.  The  changes  in  microstruaure  during  annealing  were  carefully 
studied  by  Liang  et  al.  [23]  examined  an  ImageSet  image  analysis  system  developed  by  Dapple 
Systems  Incorporated.  This  procedure  permitted  the  efficient  analysis  of  a  large  number  of 
samples. 


C.  Microstructure  of  As-Deposited  Materials 

Systematic  microstructural  characterization  studies  have  been  conducted  on  the  spray  atomized 
and  deposited  ICSO-NisAl,  paying  particular  attention  to  the  precise  geometric  location  of  the 
microstructural  features  of  interest  [20].  On  the  basis  of  these  studies,  the  monolithic  NisAl 
deposit  reportedly  consists  of  three  regions  of  differing  microstructure,  as  shown  in  Fig.  1. 
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In  a  region  A  located  near  the  substrate,  the  microstructure  consisted  of  densely  packed 
powders  that  deformed  upon  impact  and  thick  prior-droidet-boundaries  between  dmn,  as  shown  in 
Fig.  2(a),  giving  the  region  a  highly  irregular  appearance.  Locally,  the  microstructure  inside  the 
deformed  powders  consisted  of  a  mixture  of  deformed  and  fractured  dendrite  arms,  and  what 
appeared  to  be  dendrite  arms  aligned  perpendicularly  to  the  deposition  surface.  In  general,  the 
microstructural  observations  made  in  this  region  suggest  that  the  droplets  were  partially  solidified 
during  impact  onto  the  deposition  surface.  It  is  worth  noting  that  most  of  the  dendrites  that  were 
examined  in  this  region  fq>peared  to  have  experienced,  either  extensive  plasticity,  and/or  fracture. 
On  the  basis  of  work  reported  dsewhere  suggesting  that  deformed  or  fractured  dendrite  arms  have 
a  large  orientation  misfit  with  the  original  primary  or  secondary  arms  [24],  it  is  reasonable  to 
consider  these  deformed  or  fiactured  dendrite  arms  as  independent  grains. 

A  large  fraction  of  the  microstructure  in  the  deposited  material,  region  B,  consisted  of  fine, 
homogeneous  and  fully  spheroidal  grains  with  an  average  size  of  10.7  pm;  this  microstructure 
q>peared  to  be  reasonably  dense  (see  Fig.  2(b)),  with  a  porosity  of  1.3  vol.%  as  measured  by  an 
Imagine  Analysis  technique  [25]. 

The  microstructure  in  the  exterior  region  C  of  the  deposited  material  consisted  of  a  mixture  of 
the  microstructural  features  associated  with  the  other  two  regions  described  previously.  The 
spheroidal  grains  present  in  this  region  were  not  fully  developed,  and  their  size  distribution  was 
highly  heterogeneous.  Prior-droplet-boundaries  were  readily  seen  in  this  region  although  they 
were  thinner  than  those  present  in  the  region  near  the  substrate. 

The  thermal  profile  of  three  locations  inside  the  spray  deposited  material  (see  Fig.  1)  as 
measured  by  Liang  et  al.  [20]  shown  in  Fig.  2  together  with  the  liquidus  and  solidus  temperatures 
of  the  Ni3Al  used  in  the  study.  The  results  showed  that  the  temperature  at  all  three  locatimis  of  the 
spray  deposited  material  remained  below  the  solidus  temperature.  From  this  data  it  was  infmed 
that  the  average  cooling  rate  that  was  associated  with  the  lugh  temperature  region  (T  >  0.S  Tq,)  was 
approximately  2.6  K/s. 

The  microstructure  of  the  spray  atomized  and  deposited  IC396-hfi3Al/TB2  IMC  consisted  of 
relatively  homogeneous  distribution  of  reinforced  ceramic  particulates  in  the  Ni3Al  matrix,  as 
shown  in  Fig.  4(a).  The  chemical  reactions  that  occurred  at  the  IC396-Ni3Al/TiB2  interface  are 
evident  from  Fig.  4(b),  where  the  T1B2  particulates  are  surrounded  by  a  well  defined  interfacial 
reaction  zone.  This  interfacial  reaction  zone  appears  to  have  increased  in  thickness  by  consuming 
both  the  matrix  and  the  TiB2  particulates,  leading  to  the  formation  of  two  distinct  interfacial 
reaction  layers  (interfacial  reaction  layer  I  and  n,  as  marked  "1"  and  ”2"  in  the  figures)  [21]. 
Interfacial  reaction  layer  I  formed  inside  the  TiB2  particulate  (i.e.,  at  the  TiB2/reaction  zone 
interface),  while  interfacial  reaction  lay^  n  formed  in  intimate  contact  with  T1B2  particulate  (Le.,  at 
the  reaction  zone/Ni3Al  matrix  interface).  Both  interfacial  reaction  layers  were  highly  irregular  in 
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shqie.  Biaed  on  the  phase  idoitificatiwi  Masses,  conducted  by  TEM  and  EDAX  techniques  and 
reported  in  detail  elsen^te  [21, 22],  the  interfacial  reactitni  layer  1  omsisted  of  a  r^-NisTi  fdiase 
containing  71,  Ni,  and  Cr  with  a  hexagonal  structure  (D024-type);  and  the  diffusion  of  Ni  was 
proposed  to  be  the  rate  control  step  in  this  interfacial  reaction.  Interfacial  reaction  layer  n  showed 
a  very  high  content  of  Ni  with  a  low  content  of  A1  (Ni-rich  phase),  however,  the  electron 
diffraction  pattern  analysis  indicated  that  this  {diase  exhibited  a  DO21  crystal  structure  (Al3Ni-type) 
and  its  formation  may  be  related  to  the  decomposition  of  the  TiB2  [21].  In  addition,  the  average 
thickness  for  the  interfacial  reaction  layer  I,  was  measured  as  0.S12 

D.  Analysis  of  Microstructurc  Evolntion 

Annealing  of  Spray  Atomized  and  Deposited  Materials 

Annealing  studies,  conducted  on  samples  sectioned  from  region  A  of  spray  deposited 
monolithic  NijAl,  provitted  insight  into  the  mechanism  governing  the  transformation  of  deformed 
and  fractured  dendrites  into  spheroidal  grains  [20].  Tlte  results  of  these  studies  showed  that  the 
formation  of  spheroidal  grains  from  dendrite  fragments  that  was  observed  in  samples  from  region 
A  was  qualitatively  similar  to  that  reported  elsewhere  for  nq)idly  solidifred  NisAl  powders  [26], 
although  the  transformation  in  the  spray  deposited  material  was  strongly  influenced  by  the 
temperature,  llie  microstructure  of  the  spray  deposited  materials  remained  almost  unchanged 
during  theimal  exposure  at  1 108  K  for  time  up  to  10  hours.  Although  solid-state  coarsening  of  the 
dendrite  fragments  was  noted  to  occur  in  the  samples,  the  microstructure  contained  interdispersed 
prior-droplet-boundaries  that  remained  relatively  unchanged  during  annealing. 

Tlie  microstructure  of  the  spray  deposited  materials  changed  dramatically  during  annealing  at 
1258  K  and  1403  K.  Consistent  with  the  results  of  other  investigations  on  Ni3Al  atomized 
powders  [26],  the  fine,  micron-sized  dendritic  morphology  transformed  into  a  spheroidal  grain 
morphology  during  annealing,  see  Fig.  5.  Upon  annealing  at  these  higher  temperatures,  the 
spheroidal  grains  evolved  rapidly  at  the  expense  of  dendrite  fragments.  Two  distinct  mechanisms 
contributed  to  the  formation  of  spheroidal  grains  during  annealing  [20]:  a)  the  homogenization  of 
dendrites  that  did  not  deform  extensively  during  deposition;  and  b)  the  growth  and  coalescence  of 
deformed  or  fractured  dendrite  arms.  These  mechanisms  are  illustrated  schematically  in  Fig.  6. 
The  observed  changes  in  morphology  during  aiuiealing  resembled  the  growth  of  deformation-free 
grains  during  recrystallization  [27].  In  addition,  the  prior-droplet-boundaries  became  thiruier  and 
lighter.  At  some  locations,  these  boundaries  were  supplanted  by  growing  spheroidal  grains,  such 
as  the  one  designated 'm'  in  Fig.  5.  A  comparison  of  the  microstructural  characteristics  of  these 
high  temperature  armealed  splat  materials  with  those  of  region  B  and  C  in  the  as-spray  deposited 
billet  suggests  that  these  high-temperature  annealed  microstructures  are  similar  to  the 
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microstroctures  shown  in  region  B  and  C,  differing  only  in  grain  size  and  the  thickness  of  {wior 
droplet  boundaries.  On  the  basis  of  the  afc»maiti(Hied  results,  and  to  provide  insight  into  die 
mechanisms  governing  the  formation  of  ^heroidal  grains  from  the  growth  and  coalescence  of 
dendrite  fragments,  the  coarsoiing  behavior  of  material  from  region  A  was  carefully  monitored 
during  isochronal  thermal  anneals  at  three  temperatures  (1108  K,  1258  K,  and  1403  K). 
Acccmiingly,  changes  in  the  average  diameter  of  both  deformed  and  fractured  dendrite  aims  (as 
previously  discussed,  these  were  treated  as  independent  grains)  were  measured  as  a  function  of 
annealing  time  and  temperature.  The  results,  shown  in  Fig.  7,  reveal  that  the  growth  of  the 
dendrite  fragments/spheroidal  grains  obeys  a  relationship  of  the  following  type:  {D^Do^}  a  t, 
where  D  is  the  average  diameter  of  the  dendrite  fragments  or  spheroidal  grains,  and  Dq  represents 
the  initial  average  diameter  of  the  dendrite  fragments  or  spheroidal  grains.  The  results  also  show 
that  the  scale  of  the  microstructure  rapidly  increases  with  time  when  the  annealing  temperature 
increases. 

Similaily,  annealing  diermal  treatments  were  conducted  for  I>n3Al/liB2  IMC  to  investigate  the 
microstructural  evolution  during  spray  atomization  and  deposition  [22].  In  order  to  simplify  the 
analyris  of  the  interfacial  reaction  chemistry,  the  ICS0-Ni3Al/TiB2  powder  material  prepared  by 
spray  atomization  was  selected  for  the  annealing  studies.  Examination  of  Ni3AiyTiB2  powder 
samples  revealed  that  the  TiB2  particulates  w^  located  at  the  origin  of  radially  growing  cells  or 
dendrites  (see  Hg.  8(a)).  This  observation  suggested  that  the  TiB2  particulates  may  have  catalyzed 
nucleation  of  the  solid  phase  with  concomitant  fast  solidification  velocity  in  the  NisAl  droplets 
[28].  Also  evident  from  the  microstructure  shown  in  Fig.  8(a)  is  the  intimate  and  complete 
interfacial  contact  between  Ni3Al  matrix  and  T1B2  particulates,  presumably  due  to  a  low  wetting 
contact  angle  (40°  at  temperature  1480  °C)  between  the  1162  particulates  and  the  Ni  matrix  [29], 
and  the  absence  of  an  inteifacial  reaction  zone. 

Following  annealing  at  elevated  temperatures,  a  distinct  interfacial  reaction  zone  formed 
between  the  Ni3Al  matrix  and  the  TiB2  particulates,  as  shown  in  Fig.  8(b).  On  the  basis  of  X-ray, 
SEM  and  ED  AX  studies  reported  in  detail  elsewhere  [21,  22],  this  interfacial  reaction  zone 
consisted  of  a  T]-Ni3'Ii  phase,  identical  to  that  in  the  interfacial  reaction  layer  I  formed  in  the  ^ray 
deposited  IC396-Ni3Al/riB2  IMC.  Fig.  8(c)  shows  a  schematic  diagram,  corresponding  to  the 
reaction  zone  from  Fig.  8(b),  illustrating  the  determination  of  the  radius  of  the  particulate,  Rp,  and 
the  radius  of  the  particulate  and  reaction  zone,  Rt.  The  changes  in  thickness  of  the  interfacial 
reaction  zone  formed  between  Ni3Al  and  TiB2  in  atomized  Ni3Al/IiB2  powders  were  measured  as 
a  function  of  annealing  time  and  temperature  [22].  The  results,  shown  in  Hg.  9,  reveal  that  the 
growth  of  this  interfacial  reaction  zone  obeys  a  relationship  of  the  following  type:  x  a  t^^,  where  x 
is  the  thickness  of  the  interfacial  reaction  zone  and  t  is  die  annealing  time  [22]. 
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Grain  Growth  Bnetks  in  Deposited  Ni^Al 

In  tile  absence  of  a  cold  (^formation  substructure,  grain  growth  will  occur  by  a  grain 
boundary  migration  mechanism  under  die  driving  fence  provided  by  the  grain  boundary  energy  of 
the  curved  grains  [27].  Under  these  conditions,  it  has  been  experimentally  determined  that  the 
increase  in  grain  diameto-  will  follow  a  relationship  of  the  type  [27]  •  Dq^  -  B-t,  where  D  is  the 

grain  diameter  at  time  t.  Do  is  the  original  grain  size  and  B  is  a  constant  which  value  depends  on 
annealing  temperature  and  microstructure  of  the  matmial.  Unlike  the  pheimmenon  of  grain  growth 
following  recrystallizatkm,  where  deformation  free  grains  nucleate  on  heavily  deformed  grains,  the 
coarsening  and  growth  of  the  spheroidal  microstructure  observed  during  spray  atomization  and 
deposition  occurs  exclusively  by  a  grain  boundary  migration  mechanism  [20].  Since  the  migratim 
of  the  grain  boundaries  will  occur  by  a  thermally  activated  diffusion  mechanism,  it  then  follows 
that  the  coefficient  B  will  obey  a  relationship  of  the  type  B  =  A  exp  (-Qg/RT),  where  T  is  the 
annealing  temperature  (K);  A  is  a  constant  related  to  the  type  of  material;  R  is  the  gas  constant 
(8.31  J/mol  K);  and  Qg  is  the  activation  energy  for  grain  growth.  On  the  basis  of  the  experimental 
grain  growth  results  obtained  during  armealing  of  deposited  monolithic  NisAl,  see  Fig.  7,  the  grain 
growth  kinetics  of  Ni3  A1  spray  deposited  materials  during  armealing  was  suggested  as  [20] 

33800 

D^-Do=1.44  X  10“  - e’  •  t  [Ij 

With  this  relationship,  the  grain  size  at  a  certain  annealing  temperature  and  time  can  be  predicted;  if 
the  armealing  temperature  and  grain  size  are  fixed,  the  armealing  time  can  also  be  calculated.  For 
grain  sizes  of  10,  20  and  30  pm  (on  the  order  of  the  grain  sizes  present  in  this  study)  and  a 
measured  initial  average  dendrite  fragment  size.  Do,  of  6.4  pm,  the  relationship  between  the 
required  time  and  the  armealing  temperature  can  be  plotted  as  shown  in  Fig.  10.  An  increase  in  the 
annealing  temperature  corresponds  to  a  dramatic  decrease  in  the  time  needed  for  the  grains  in 
dqiosited  splat  materials  to  grow  to  a  particular  size. 

An  important  characteristic  of  the  temperature  profile,  shown  in  Fig.  3,  is  the  low  cooling  rate 
that  is  associated  with  the  high  temperature  period  (i.e.,  T  >  0.5  Tm).  As  stated  previously,  during 
high  temperature  annealing,  the  rapidly  solidified  dendrite  fragments  will  coarsen  and  coalesce  to 
become  spheroidal  grains.  From  Fig.  10,  the  relationship  between  tmnperature  and  annealing  time 
fw  a  constant  grain  size  can  be  considered  to  be  a  log-linear  relation,  i.e.,  AT/AlogF  =  M,  where  T 
is  the  armealing  temperature;  F  is  the  time  required  to  obtain  a  particular  sphooidal  grain  size  at  this 
annealing  temperature;  M  is  a  constant  related  to  alloy  composition  and  microstructure,  and  M  =  - 
116KforNi3Al[20]. 

Defining  t  as  the  cooling  rate  of  the  deposited  material,  then  if  the  temperature  of  the 
deposited  material  decreases  from  any  temperature  Ti  to  Ti  -  AT  under  this  given  cooling  rate,  the 
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eU4)sed  time,  Axi,  during  a  temperature  step,  AT,  can  be  estimated  as  Ati  =  AT/ 1 .  At  a  lower 
temperature,  Tt^i  =  Ti  -  AT,  the  relative  eU^ised  time,  Axi^i,  which  accounts  for  the  same  grain 
size  as  at  temperature  Ti,  will  be  (AT/txri/Tj^l),  where  Fj  and  Fi^i  are  the  annealing  times 
required  to  obtain  a  constant  ^heroidal  grain  size  at  die  corresponding  annealing  temperatures,  Ti 
and  Ti4.i,  respectively.  In  addition,  a  time  ratio  p  can  be  defined  tere  as  p  s  =  lO^'I'^, 

then  the  relative  annealing  time,  AXt^-i  =  Ati  P- 

Actually  the  dendrite  fragments  begin  to  grow  at  a  temperature.  To,  below  the  solidus 
temperature  and  finish  growing  at  a  particular  temperature,  defined  as  Tf  (at  which  the  grain  growth 
rate  is  so  low  that  it  may  be  neglected).  We  may  also  define  a  step  number,  N,  of  the  cooling 
process  as  N  =  (To-Tf)/AT  [20].  It  then  follows  that  an  accumulated  time,  Fq,  for  the  deposited 
material,  which  is  cooled  under  the  given  cooling  rate  t  to  anneal  at  initial  temperature  To  is 


N-1  N-1 

ro=  = 

0  T  0 


[2] 


For  the  conditions  described  herein,  if  one  selects  To  =  1650  K,  Tf  =  1 100  K  and  AT  =  10  K, 
and  using  the  measured  cooling  rate  T  =  2.6  K/s,  the  value  of  Fo  may  be  determined  for  different 
cooling  rates.  Once  Fo  is  obtained,  and  using  grain  growth  kinetic  Eq.  2,  grain  sizes 
corresponding  to  different  cooling  rates  can  be  calculated  as  weU.  The  results  of  these  calculations 
are  shown  in  Hg.  1 1,  for  various  cooling  rates.  The  good  agreement  that  is  evident  between  the 
calculated  results  and  the  experimentally  determined  data  point  provide  further  support  to  the 
suggestion  that  the  formation  of  spheroidal  grains  during  deposition  occurs  via  the  growth  and 
coalescence  of  dendrite  fragments  during  annealing.  It  is  worth  noting  that  the  relationship 
between  spheroidal  grain  size  and  cooling  rate  in  the  deposited  material,  shown  in  Fig.  11,  follows 
a  power  equation  of  the  type  dsph  =15.2  t  -0-35. 


Interfacial  Behavior  in  Deposited  Ni3AI/riB2  IMC 

During  the  annealing  of  atomized  Ni3Al/llB2  powders,  the  diickness  of  the  interfacial  reaction 
zone  between  NisAl  and  TiB2  increased  with  annealing  temperature  and  time,  as  shown  in  Fig.  9. 
It  has  been  well  established  that  the  interfacial  behavior  in  these  types  of  materials  can  be  readily 
described  by  a  phenomenological  equation  of  the  type  [30],  x(t,  T)  =  xq  +  kt°,  where  x(t,  T) 
represents  the  thickness  of  the  interfacial  reaction  zone  as  a  function  of  aimealing  time  t  and 
annealing  temperature  T;  xq  re{»esents  the  initial  thickness  of  the  reaction  zone  (the  value  is  zero  in 
tte  atomized  powd^ );  and  k  is  a  reaction  rate  coefficient  related  to  the  aimealing  temperature.  As 
shown  in  Figure  3,  the  magnitude  of  the  reaction  exponent,  n,  can  be  readily  determined  as  0.5. 
This  parabolic  relationship  between  thickness  of  reaction  zone  and  annealing  time  suggests  that 
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diffilsim  thfoagh  the  reaction  zone  was  the  rate-limiting  step  for  the  growdi  of  the  interfacial 
ieacti<m  products  [30]. 

Based  on  the  analysis  of  the  measured  thickness  of  the  interfacial  reaction  zone  between 
NisAl/TiBi.  and  the  mechanism  of  interfacial  reaction  controlled  by  the  diffusion  activation 
process,  the  time  and  temperature  dependence  of  the  thickness  of  the  interfaciai  reaction  zone 
formed  between  Ni3A]/TlB2  was  proposed  as  [22] 

x(t,T)  =  12.8  •  exp(-740(yD  •  tl/2  [3] 

Eq.  3  describes  the  interfaciai  reaction  kinetics  between  Ni3Al  and  TiB2  and  is  similar  to  Eq.  1 
describing  grain  growth  in  deposited  monolithic  Ni3Al.  If  we  assume  that  the  cooling  rate 
experienced  by  Ni3Al/TiB2  IMC  is  similar  to  that  measured  for  monolithic  N^Al,  then  a 
relationship  between  the  thickness  of  the  interfaciai  T)-Ni3Ti  phase  and  the  cooling  rate  during 
deposition  may  be  readily  using  a  procedure  similar  to  the  one  described  herein  for  monolithic 
Ni3Al  (see  Eq.  1-2).  The  results  of  these  calculations  are  shown  in  Fig.  11,  where  they  ate 
compared  to  the  experimental  findings  obtained  for  as-deposited  IC396*Ni3Al/TiB2  IMC. 


E.  Microstructure  Evolution  during  Spray  Atomization  and  Deposition 

On  the  basis  of  the  previous  discussion,  it  is  evident  that  the  cooling  rate  (1-10  K/s)  present 
during  the  deposition  stage  is  several  orders  of  magnitude  lower  than  that  generally  present  during 
the  atomization  stage  (10^-10^  K/s)  [17, 20].  As  a  result,  the  deposited  material  will  be  exposed  to 
a  high  temperature  anneal  for  a  finite  period  of  time  during  deposition.  Based  on  the  high 
temperature  atmealing  experiments  described  in  the  previous  section,  growth  and  coalescence 
phenomena  will  take  place,  leading  to  the  formation  of  a  spheroidal  microstructure  in  the 
monolithic  Ni3Al  and  the  formation  of  interfaciai  products  in  the  Ni3A]/TiB2  IMC,  during  spray 
atomization  and  deposition.  In  addition,  any  phase  transformation  process  which  may  occur 
during  elevated  temperature  atmealing,  such  as  second  phase  formation,  precipitation,  etc.,  will 
occur  as  weU  in  the  material  during  the  deposition  stage. 

On  the  basis  of  the  aforementioned  discussion,  the  different  microstructural  features  that  are 
present  in  regions  A,  B  and  C  of  the  spray  deposited  material  may  be  rationalized  as  follows.  The 
microstructure  present  in  the  exterior  bottom  area  (region  A)  of  the  deposit  is  dominated  by  the 
presence  of  powders  that  arrived  on  the  substrate  fully  solidiHed.  Recent  studies  on  the 
measurement  of  droplet  sizes  during  atomization  using  Doppler  techniques  [23]  have  shown  that 
the  peripheral  region  of  the  atomized  spray  is  populated  by  droplets  that  are  substantially  smaller 
than  those  present  in  the  center  of  the  spray,  and  that  the  droplet  mass  flux  decreases  with 
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increasing  distance  from  the  spray  axis.  Consequently,  small  droplets  in  this  region  arrive  on  the 
substrate  fully  solidified,  leading  to  the  formation  of  thick  prior-droplet-boundaries  that  remain 
unchanged  during  annealing.  The  etevated  mass  density  associated  with  the  center  of  the  spray 
(region  B)  promotes  a  high  degree  of  droplet  deformation,  leading  to  the  formation  of  the  thin 
prior-droplet-boundaries  that  were  observed  experimentally.  Furthermore,  the  elevated 
temperature  anneal  experienced  by  this  region  allowed  the  growth  and  coalescence  of  dendrite 
fragments,  leading  to  the  formation  of  a  ^heroidal  grain  morphology  by  the  mechanisms  that  were 
described  previously.  The  material  in  region  C  was  exposed  to  a  similar  thermal  history  as  that 
present  in  regicm  B,  differing  only  in  the  rate  of  hea^  extraction,  which  was  higher  in  this  region  as 
a  result  of  the  proximity  of  the  water  cooled  substrate.  As  a  result,  the  material  present  in  this 
region  exhibited  a  heterogeneous  grain  morphology,  widi  associated  prior-droplet-boundaries. 

During  synthesis  of  the  Ni3Al/TiB2  IMC,  the  interaction  between  the  reinforcement 
particulates  and  the  matrix  material  also  experienced  two  distinctive  stages,  i.e.,  atomization  and 
deposition.  During  atomization,  the  experimental  evidence  suggests  that  heterogeneous  nucleation 
occurred  on  the  "cool  substrate"  of  the  reinforced  particulate  surface.  Subsequently,  the  matrix 
material  solidified  rapidly  around  die  I1B2  particulates  due  to  dynamic  transfer  of  thermal  energy  to 
the  atomization  gas,  and  as  a  result,  a  relatively  low  temperature  was  maintained  at  the  interface 
between  TiB2  and  NisAl  [16, 28].  However,  the  sluggish  cooling  behavior  experienced  by  the 
materials  during  the  deposition  stage  provided  sufficient  thermal  energy  to  kinetically  activate 
interfacial  reactions  leading  to  the  formation  of  a  thermodynamically  stable  reaction  product,  such 
as  the  one  described  herein  for  the  Ni3Al/TiB2  IMC.  Presently,  research  efforts  are  aimed  at 
investigating  the  mechanisms  that  govern  interfacial  behavior  in  a  wide  variety  of  metal/ceramic 
combinations. 


F.  Numerical  Simulation  of  the  Deposition  Process 

More  recently,  Liu  et  al.  [31,  32]  developed  a  numerical  methodology  to  simulate  the 
deformation  and  the  solidification  behavior  of  an  individual  semi-liquid  droplet  during  impact  onto 
a  flat  substrate.  The  numerical  simulation  was  accomplished  on  the  basis  of  the  full  Navier-Stokes 
equations  and  the  Volume  of  Fluid  (VOF)  function,  by  using  a  2-domain  method  for  the  thermal 
field  and  solidification  problem  and  a  two-phase  flow  continuum  model  for  the  flow  problem 
associated  with  a  growing  solid  layer.  The  calculated  results  demonstrated  successfully  that  a 
droplet  spreads  uniformly  in  the  radial  direction  during  impingement  onto  a  flat  substrate  and 
eventually  forms  a  thin  splat.  Fig.  12(a)  shows  the  calculated  deformation  sequence  of  an 
individual  droplet,  where  the  horizontal  and  vertical  axes  denote  the  length  in  meters.  The  final 
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diameter  and  height  of  the  ^lat,  which  are  critical  to  the  geometric  development  and  the 
microstructival  changes  in  spray  deposited  materials,  was  suggested  to  depend  on  the  impact 
velocity,  viscosity,  and  surface  tmision  of  the  droplets.  The  calculated  results  were  in  good 
agreement  with  the  experimental  values,  see  Fig.  r2(b). 

The  results  of  the  numerical  calculation  also  suggests  that  with  increasing  initial  impact 
velocity,  the  final  diameter  of  the  splat  increases  rapidly  first,  and  the  tendency  slows  down 
gradually.  Droplets  remain  relatively  undeformed  when  the  viscosity  and  surface  tension  are 
considerably  large.  A  fully  liquid  droplet  impinging  onto  a  solid  substrate  may  lead  to  a  good 
contact  and  adhesion  between  the  splat  and  the  substrate,  whereas  a  fully  liquid  droplet  striking 
onto  another  flattening,  fully  liquid  splat  produces  ejection  of  the  liquid.  A  fully  liquid  toroidal 
ring  colliding  with  a  flattening,  fully  liquid  splat  causes  ejection  of  the  liquid  as  well  as  the 
formation  of  voids.  On  the  basis  of  this  mechanism,  some  fundamental  trends  and  effects  of 
important  processing  parameters  on  micro-porosity  may  be  reasonably  explained  and  optimal 
processing  conditions  for  dense  deposited  materials  may  be  determined  [31, 32]. 


G.  Concluding  Remarks 

The  application  of  spray  atomization  and  deposition  processing  to  synthesize  elevated 
temperature  materials  such  as  intermetallic  and  intermetallic  matrix  composites,  was  motivated  by 
the  difficulties  associated  with  the  currently  available  casting  and  powder  metallurgical  processes. 
In  principle,  such  an  approach  will  inherently  avoid  the  extreme  thermal  excursions  with 
concomitant  degradation  in  interfacial  properties  and  extensive  macrosegregation,  normally 
as.sociated  with  casting  processes.  Furthennore,  this  approach  also  eliminates  the  need  to  handle 
fine  reactive  particulates,  as  is  necessary  with  powder  metallurgical  processes.  The  results 
reviewed  in  the  present  work  demonstrate  that  die  preliminary  findings  obtained  with  this  synthesis 
approach  are  encouraging.  It  is  also  evident,  however,  that  it  will  be  necessary  to  develop  an  in- 
depth  understanding  of  the  fundamental  physical  phenomena  involved,  before  such  a  process  can 
measure  up  to  its  commercial  potential.  The  latter  will  be  a  challenging  task  for  the  scientific 
community,  in  view  of  the  complex  fluid  thomal  and  solidification  phenomoia  involved. 
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///  I  II 


Hg.  1.  Cross-section  of  as-deposited  monolithic  billet  and  three  regions  A,  B  and  C  which 
reveal  different  microstructural  morphology.  I,  n  and  m  correspond  to  positions  of  three 
thmmocouples  [20]. 
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(b) 

Fig.  2.  (a)  Layered  microstructure  showing  deformed,  fractured  dendrites  and  thick  prior-droplet- 
boundaries  in  region  A.  (b)  Microstructure  showing  fine  spheroidal  grains  in  region  B  [20]. 
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Hg.  3.  Measured  temperature  profiles  at  three  positions  inside  the  deposit  billet  during  spray 
atomization  and  deposition  of  NisAl  [20]. 


Fig.  4.  (a)  SEM  micrograph  showing  the  microstructure  of  the  spray  atomized  and  co-deposited 
Ni3AI/TiB2  IMC.  (b)  The  interfacial  reaction  zone  formed  around  the  1162  particulates  [21, 22]. 
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Fig.  5.  The  microstnicture  of  Ni3Al  as-deposited  materials  (from  region  A)  after  annealing  at  1403 
K  for  1  hour  [20]. 


(a) 

^ 

(b) 

Fig.  6.  Mechanisms  leading  to  the  formation  of  spheroidal  grains  during  annealing:  a)  the 
homogenization  of  dendrites  that  did  not  deform  extensively  during  deposition;  and  b)  the  growth 
and  coalescence  of  the  deformed  or  fractured  dendrite  arms  [20]. 
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Fig.  7.  The  increase  in  dendrite  fragment/spheroidal  grain  average  diameter,  D,  relative  to  the 
original  diameter  ( prior  to  annealing ),  Do,  as  a  function  of  annealing  time  [20]. 


29 


F 


Radius  of  particulate 
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Fig.  8.(a)  Microstructure  in  atomized  Ni3Al/TiB2  powders  (63  to  90  |im).  (b)  Interfacial  reaction 
zone  formed  in  atomized  Ni3AiyTiB2  powders  after  annealing  at  1403  K  for  30  minutes,  (c) 
Schematic  diagram  illustrating  the  determination  of  interfacial  reaction  zone  thickness,  i.e.,  Rt  - 

Rp[22]. 
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Fig.  9.  Interfacial  reaction  zone  thickness,  x,  as  a  function  of  annealing  time,  t,  for  three 
temperatures:  1 108  K,  1258  K  and  1403  K  in  Ni3A]/riB2  IMC  [22]. 
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Fig.  10.  Time  and  temperature  required  to  achieve  a  particular  grain  size  during  annealing 
deposited  NisAl  [20]. 


Cooling  rate  (K/s) 


Fig.  1 1.  The  spheroidal  grain  size  in  as  deposited  Ni3Al,  and  the  interfacial  reaction  zone  thickness 
between  NisAl  and  1182  reinforcement  in  Ni3Al/riB2  IMC  versus  the  cooling  rates  [20]. 
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A.  iBtrodnctioii 

IntennetaUk-matrix  composites  (IMCs)  are  potentially  useful  at  elevated  temperatures  since 
they  combine  matrix  properties  of  oxidation  resistance  and  high  temperature  stability  with 
reinforcement  properties  of  high  ^)ecific  strength  and  modulus  [1*8].  However,  it  is  unlikely  that 
these  materials  can  be  utilized  successfully  unless  a  bettm'  understanding  of  their  high  temperature 
properties  is  achieved.  In  particular,  little  is  known  about  the  nature  of  creep  damage  in  these 
matmflliB  and  whether  or  not  the  pr(^x)sed  reinfotcement/matiix  interfaces  ate  susceptible  to  caviQr 
formation  and  growth  in  the  way  that  monolithic  polycrystalline  materials  are  susceptible  to  grain 
boundary  cavitatiotL 

It  has  been  shown  that  creep  rupture  of  monolithic  NiaAl  is  facilitated  by  the  nucleation, 
growth  and  coalescence  of  grain  boundary  cavities  [9].  It  follows  that  cavitation  is  also  an 
important  mechanism  in  the  high  temperature  rupture  of  particulate  reinforced  NisAl  matrix 
composites.  However,  it  is  not  immediately  clear  whether  the  most  damaging  cavitation  occurs  on 
the  matrix  grain  boundaries  or  on  the  reinforcement/matrix  interfaces.  One  of  die  factors  adding  to 
the  uncertainty  as  to  where  in  the  microstructure  the  dominant  damage  would  develop  is  the 
formation  of  interfacial  reactions  between  matrix  and  reinforcement  during  both  processing  and 
service.  It  has  been  shown  that  the  development  of  an  interfacial  reaction  zone  is  often  desirable 
for  establishing  good  interfacial  bonding.  Howei^,  excessive  growth  of  the  interfacial  reaction 
region  can  be  detrimental  to  the  mechanical  properties  of  composites  [10]. 

The  objective  of  the  present  study  was  to  develop  a  better  understanding  of  the  nature  of 
creep  rupture  mechanisms  in  a  NiaAl  matrix  composite  produced  by  spray  atomization  and  co¬ 
deposition.  The  selection  of  SiC  particulates  was  prompted  by  the  results  of  Chou  and  Nieh  [11] 
which  showed  that  strong  solid  state  reactions  developed  between  SiC  and  NisAl,  and  multi- 
reaction-layets  were  always  generated  in  the  interdiffusion  zone.  Similarly,  TiB2  was  reported  to 
react  with  a  >n3Al  [12],  there  have  been  little  information  on  the  effect  of  the  interfacial  reaction 
zone  on  mechanical  properties.  Thus,  it  was  also  selected  on  the  basis  of  the  work  by  other 
investigators  which  suggests  that  this  type  of  particulate  provides  attractive  combinations  of 
properties  in  IMCs  [6].  By  co-injecting  both  SiC  and  TiB2  particulates  in  the  same  intermetallic 
matrix,  it  was  possible  to  compare  the  role  of  both  in  the  rupture  process  for  the  same  matrix 
microstructure  under  identical  conditions. 

The  high  temperature  properties  of  the  monolithic  NisAl  and  Ni3Al/SiCVTiB2  IMC  were 
compared  on  the  basis  of  creep  rupture  times.  Emphasis  is  placed  on  the  roles  of  the  reaction 
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{mxhicts  between  the  reinfoiconents  and  the  matrix  in  affecting  the  mechanisms  which  facilitate 
hi^  temperatuie  fmcture. 

B.  Procedures 

B.l.  Experimental  Material 

The  nominal  composition  of  the  used  in  the  present  study  (ONRL  designation  IC- 
396)  is  8.0  Al,  7.7  Cr,  0.8S  Zr,  3.0  Mo,  0.005  B.  bal  Ni  (in  wt  pet);  the  reinforcement  SiC 
particulates  (HCP  ot-phase)  had  an  average  size  of  3  |im,  whereas  the  TiB2  particulates  (C32 
structure)  had  i^proximate  average  size  of  IS  ^m  prior  to  processing.  During  spray  atomization 
and  co-deposition,  the  NisAl  alloy  was  disintegrated  into  a  dispersion  of  droplets  using  high 
energy  Na.  Simultaneously,  a  mixture  of  HBz  and  SiC  particulates  with  the  same  volume  fraction 
ratio  was  co-injected  into  the  atomized  spray  at  a  previously  determined  spatial  location.  The 
primary  experimental  variables  used  in  the  processing  procedure  are  given  in  [13].  For 
comparison,  the  same  matrix  material  was  spray  deposited  under  the  same  conditions  without  the 
co-injection  of  the  ceramic  particulates. 

Both  the  unieinforced  NisAl  and  hHaAl  IMC  were  hot  extruded  to  a  ratio  of  9: 1  at  1473K  to 
eliminate  micrometer  sized  pores  that  normally  develop  during  spray  deposition.  This  treatment 
produced  equiaxed  grains  with  an  average  size  of  10  pm  in  the  composite  indicating  that  dynamic 
recrystallization  had  taken  place  during  hot  extrusion.  In  contrast,  a  columnar  grain  structure 
resulted  in  the  unreinfmeed  NisAl  with  an  average  grain  length  of  25  |im  and  a  grain  aspect  ratio  of 
5.  The  volume  fraction  of  ceramic  particulates  was  quantitatively  characterized  using  two 
techniques:  (a)  image  analysis  and  (b)  acid  dissolution.  The  results  from  both  techniques  indicate 
a  total  ceramic  particulate  volume  fraction  of  12.7%.  It  is  not  possible  to  differentiate  between  the 
SiC  and  TiB2  particulates  in  the  photograph  strictly  on  the  basis  of  size  and  morphology. 
However,  it  is  worth  noting  that  the  large  particulates  are  most  likely  TiB2,  considering  the  initial 
size  distributions  of  the  SiC  and  ’nB2  particulates.  It  was  also  assumed  that  the  composite  was  co¬ 
injected  with  approximately  the  same  volume  fraction  of 'nB2  and  SiC. 

B.2.  High  Temperature  Testing 

Tensile  creep  specimens  were  ground  to  size  with  a  gage  diameter  of  3.2  mm  and  a  gage 
length  of  15.9  mm.  They  were  th^n  tested  under  constant  tensile  stress  conditions  ranging  from 
180  to  350  MPa  at  1033K  in  a  vacuum  environment  of  10*3  Pa,  using  a  custom-built  automated 
high  temperature  testing  system.  Longitudinal  sections  of  the  specimens  were  examined  using 
SEM  techniques  to  detramine  the  extent  and  location  of  creep  damage  within  the  microstructure  of 
the  experimental  materials. 
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C.  Results 


C.l.  Microstructural  Observations 

It  was  shown  in  Section  I  that  a  lai:ge  number  of  carbides  exist  on  the  grain  boundaries  in 
the  composite  [13].  The  observation  that  TIB2  particulates  are  generally  present  at  the  grain 
boundaries  of  the  matrix  suggests  that  they  hindered  grain  growth  during  hot  extrusion.  The 
chemical  reaction  products  at  the  Ni3Al/TiB2  interface  are  described  in  Section  I.  Finally,  it  is 
noted  that  microvoids  were  observed  within  the  interface  region  which  were  0.4  -  0.9  .ait  long  and 
0.1  -  0.4  ^m  wide. 

Although  X-ray  diffraction  studies  conducted  on  the  composite  revealed  the  presence  of  SiC 
[13],  these  particulates  were  not  evident  from  scanning  electron  microscope  TSEM)  observations 
ccMnbined  with  and  EDS  analysis.  It  appears  diat  the  SiC  particulates  were  substantially  reduced  in 
size  or  eliminated  during  both  the  spray  deposition  and  extrusion  processing  steps.  In  related 
studies,  Chou  and  Nieh  [11]  noted  that  SiC  reacts  extensively  with  pure  NisAl  during  aimealing  at 
1273K,  leading  to  the  formation  of  multiple  reaction  layers  in  the  interdiffusion  zone  at  the 
interface.  It  appears  that  the  temperatures  during  deposition  (1100-1600K)  provide  sufficient 
thermal  energy  for  the  alloying  elements  Cr,  Mo,  Zr  to  segregate  to  the  NisAl/SiC  interface.  These 
alloying  elements  are  then  able  to  replace  the  Si  in  the  SiC  lattice  leading  to  the  formation  of  other 
carbides.  Concurrent  diffusion  of  Si  into  the  NbAl  matrix  may  also  lead  to  the  formation  of 
compounds  with  Ni  and  Al,  as  reported  by  Chou  and  Nieh  [1 1].  The  high  surface  to  volume  ratio 
associated  with  the  fine  (3  [un)  SiC  particulates  was  also  a  factor  that  contributed  towards  their 
high  reactivity. 

C.2.  Creep  Behavior 

Typical  creep  curves  for  specimens  tested  under  300  MPa  are  illustrated  in  Figure  1.  Data 
for  spray  deposited  and  extruded  monolithic  Ni3Al  specimens  are  included  for  comparison. 
Steady  state  strain  rate  is  plotted  against  applied  stress  in  Figure  2  for  bothcomposite  and 
monolithic  NisAl  specimens.  Least  square  fit  analyses  of  the  data  in  this  figure  give  Norton  law 
constants  of 

£  s=  3.4  X  10  for  monolithic  Ni3Al 

=  1.2  X  10-15  <y3.50  forNi3Al/SiC/TiB2 

where  strain  rate,  e  ,  and  applied  stress,  cr,  are  in  units  of  s-i  and  MPa,  respectively.  The 
experimental  data  reveal  that  the  stress  exponent  for  power  law  creep  for  both  materials  is 
approximately  3.S,  suggesting  that  the  creq)  deformation  for  both  materials  is  predominantly 
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Figure  1.  Typical  creep  curves  for  the  monolithic  and  composite  materials. 

controlled  by  dislocation  glide  processes.  It  is  not  immediately  clear  why  the  creep  rate  of  the 
composite  is  about  six  times  faster  than  that  for  the  unreinforced  NisAl  for  a  given  stress. 
Composite  hardening  is  known  to  be  due  to  a  difference  in  plastic  strain  of  the  components 
compensated  by  elastic  strains  which  give  rise  to  back  stresses.  It  is  often  assumed  that  there  is  no 
difficulty  in  transferring  load  between  matrix  and  reinforcement  in  order  to  prevent  the 
development  of  local  incompatibility  stresses.  The  shear-lag  theory  [14]  can  be  used  to  predict 
composite  strength,  even  though  the  reinforcing  phase  possesses  a  small  aspect  ratio  as  in  the  case 
of  a  particulate  reinforced  A1  matrix  composite  [15].  However,  weak  interfaces  can  have  a 
substantial  effect  on  this  load  transfer  and,  as  a  result,  on  the  creep  behavior  of  composites.  In  the 
limit  of  zero  interface  stroigth,  where  no  load  can  be  transferred  to  the  reinforcement,  a  composite 
is  weaker  than  the  matrix  alone  [16].  As  mentioned  before,  the  processing  of  the  composite 
apparently  results  in  the  decomposition  of  the  SiC  particulates  and  the  formation  of  other  carbide 
phases,  such  as  Cr3C2-type  carbides,  and  the  formation  of  the  Ni-rich  interfacial  phase  at  the 
Ni3Al/TiB2  interface.  This  could  give  rise  to  a  weakening  of  the  interfaces  present  in  the 
composite. 
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Figure  2.  Strain  rate  versus  applied  stress  for  the  monolithic  and  composite  materials. 

Flinn  [17]  has  proposed  that  the  steady-state  creep  of  Ni3(Al,  Fe)  polycrystals  for  the 
temperature  range  used  in  the  present  investigation  is  controlled  the  viscous  drag  on  dislocation 
pairs  associated  with  the  antiphase  boundary  (APB)  connecting  the  members  of  the  pair.  Since 
therate-controlling  process  is  the  diffusion  of  atoms  to  and  from  the  APBs,  impurity  elements 
affecting  lattice  diffusion  could  play  a  role  in  the  creep  behavior  of  NisAl.  In  this  case,  impurity 
elements  in  a  composite  may  increase  lattice  diffusion  and  therefore  increase  the  creep  rate.  It  is 
likely  that  the  present  composite  contains  significant  amounts  of  Si,  resulting  from  the 
decomposition  of  SiC,  which  could  then  increase  lattice  diffusion.  It  is  also  possible  that  the 
precipitation  of  another  soft  phase  containing  Si  or  C  might  attribute  to  the  weaker  creep  strmigth 
of  the  composite  compared  to  that  for  the  monolithic  material 

The  finer  and  more  equiaxed  grain  size  present  in  the  composite  relative  to  that  of  the 
monolithic  material  may  also  account  for  the  faster  creep  rate  of  the  composite,  if  grain  boundary 
sliding  makes  a  significant  contribution  to  the  overall  straining  of  the  specimens.  The  shear 
stresses  on  grain  boundaries  would  be  generally  lower  in  the  monolithic  material  due  to  the  more 
columnar  grain  morphology.  Thus  grain  boundary  sliding  would  likely  have  a  negligible  role  in 
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contributing  to  the  creep  rate  and  redistributing  stresses  from  inclined  sliding  inclined  boundaries 
to  cavitating  boundaries  that  are  transverse  to  the  i^lied  tensile  stress. 

C.3.  High  Temperature  Rupture 

Figure  3  shows  a  &)uble  logarithmic  plot  of  creep  rupture  lifetime  for  both  monolithic  and 
particulate  reinforced  NisAl  as  a  funedtm  of  applied  stress.  The  monolithic  material  exhibits  a 
longer  lifetime  than  the  composite  for  the  same  applied  stress  in  this  plot  This  finding  suggests 
that  the  mechanism  which  causes  nq)ture  is  assisted  by  the  presence  of  the  reinforcing  particulates. 
We  note  for  the  monolithic  material  that  the  rate  equations  for  the  rupture  time  and  the  steady  state 
strain  rate  have  a  similar  dependence  on  stress.  In  this  case  it  is  reasonable  that  the  creep  and 
fracture  processes  are  closely  linked.  That  is.  at  d»  same  tempoature; 


rr  =  A*<T-»' 

(1) 

e  =A(t" 

(2) 

where  ^  is  the  rupture  time.  A,  A*,  n  and  n‘  are  constants.  For  the  monolithic  material  n  =  3.44 
and  n'  -  3.2.  The  composite,  on  the  other  hand,  appears  to  undergo  a  different  creep  fracture 
process  than  is  observed  for  the  monolithic  spray  deposited  material  since  the  data  indicate  diat  n 
n’  for  this  material.  This  suggests  that  processes  other  than  dislocation  creep  also  influence  the 
rupture  process  for  the  composite.  Observations  of  creep  damage  ate  discussed  in  the  following 
section  that  support  this  finding. 

C.4.  Microstructural  Observations 

Cavity  nucleation  is  generally  favored  at  locations  where  diffusion  is  rapid  and  atomic 
bonding  is  relatively  weak.  Accordingly,  reinforcement/matrix  interfaces  as  well  as  the  matrix 
grain  boundaries  represent  possible  preferred  cavity  nucleation  sites  in  the  present  IMC.  Thus,  in 
order  to  develop  a  better  understanding  of  the  rupture  mechanisms  in  this  material  it  is  first 
necessary  to  determine  at  which  of  these  locations  cavities  nucleate  preferentially.  Longitudiruil 
sections  of  ruptured  specimens  have  been  examined  using  SEM  to  determine  the  extent  and 
location  of  creep  damage  within  the  microstructure  of  the  composite.  Ihese  observations  were 
made  on  tested  material  from  the  grip  sections  of  specimens  which  experienced  a  relatively  low 
stress  (approximately  less  than  25%  stress  in  gage  section  region  due  to  the  increase  in  the  cross- 
section  area)  during  testing.  This  was  done  to  avoid  difficulties  in  identifying  the  preferred  cavity 
nucleation  sites  in  the  extensively  damaged  gage  sections. 

A  typical  SEM  micrograirii  of  tested  grip  section  material  from  a  composite  specimen  tested 
under  300  MPa  is  shown  in  Hgute  4.  As  indicated  in  this  micrograph,  larger  cavities  are 
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Figure  3.  Rupture  time  versus  ai^lied  stress  for  Ae  mmolidiic  and  composite  materials  at  1Q33K. 


observed  at  the  I^sAl  grain  boundaries  as  opposed  to  TiB2/Ni3Al  interfaces  of  comparable  size 
and  orientation.  As  mentioned  previously,  a  large  number  of  carbides  exist  on  the  grain 
boundaries  in  the  composite  [13].  Apparently,  the  grain  boundary  cavities  nucleated  at  fine 
carbides  which  resulted  from  the  decomposition  of  SiC  particulates.  It  is  possible  that  the 
nucleation  of  grain  boundary  cavities  at  the  carbides  occurs  easily  due  to  a  relatively  weak 
interfacial  cohesive  strength.  On  the  other  hand,  the  rare  presence  of  large  cavities  at  the 
I*^3AiniB2  reaction  zones  indicates  diat  cavity  formation  is  slow  at  these  interfaces.  This  finding 
is  consistent  with  the  microstructural  observations  of  coherent  interfacial  bonding  along  the 
Ni3Al/TlB2  interfile  reported  in  an  earlier  work  [13].  A  representative  micrograph  of  gage  section 
material  is  shown  in  HgureS  for  a  specimen  tested  to  rupture  under  180  MPa.  Again  in  this  figure 
we  note  that  more  cavities  appear  to  lie  on  the  matrix  grain  boundaries  than  on  the  Ni3Al/TlB2 
intofaces.  It  is  also  apparent  that  the  grain  boundary  cavities  are  larger  than  those  on  die 
interfaces.  This  obsmvatitHi  is  confirmed  in  a  plot  of  relative  cavity  frequency  versus  cavity  size 
for  both  grain  boundaries  and  matrix/TlB2  interfaces  illustrated  in  Figure  6.  Each  distributitm  in 
this  figure  was  determined  from  approximatdy  300  cavities  from  a  numbm*  of  fields 
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Figure  4.  SEM  micrograph  of  a  region  in  the  grip  section  of  a  composite  specimen  tested  under 
300  MPa.  The  tensile  stress  axis  is  in  the  vertical  direction  for  tlm  micrograph. 


on  the  gage  section  using  SEM  techniques  in  conjunction  with  computer-based  image  analysis.  A 
comparison  of  the  mean  cavity  size  of  1.3  tun  for  the  grain  boundaries  and  0.7  4m  for  the 
NiaAl/TiBa  interfaces  indicates  that  the  overall  size  of  the  cavities  on  the  grain  boundaries  is  larger 
than  that  for  the  cavities  on  the  interfaces.  However,  it  can  be  seen  in  Figure  6  that  the  overall 
frequency  of  cavities  at  mattix/TiB2  interfaces  was  somewhat  higher  than  that  for  the  matrix  grain 
boundaries.  This  indicates  that  a  significant  number  of  cavity  nucleate  on  the  matrix/reinforcement 
interfaces  during  the  life  of  the  specimens.  Nonetheless,  it  appears  the  cavity  growth  at  the  matrix 
grain  boundaries  is  faster  making  it  the  dominant  damage  mode  in  determining  the  life  of  the 
specimens. 

The  overall  results  indicate  that  it  is  the  NiaAl  grain  boundaries,  and  not  the  Ni3Al/TiB2  interfaces, 
that  are  most  susceptible  to  creep  cavitation  damage  in  the  present  composite.  One  possible 
explanation  for  this  finding  is  that  the  carbide  precipitates  resulting  from  the  dissolution  of  SiC 
enhance  the  cavity  nucleation  process  at  the  grain  boundaries.  Cavity  nucleation  at  iron  carbides 
has  been  well  documented  for  several  steel  alloys  [18, 19].  Grain  boundary  carbides  in  the  present 
IMC  could  also  serve  as  preferred  nucleation  sites.  Although  large  interfacial  reaction  zones  form 
at  the  Ni3Al/TiB2  interfaces,  they  do  not  appear  to  cavitate  as  readily  as  the  matrix  grain 
boundaries.  Thus,  it  is  expected  that  a  Ni3Al  matrix  composite  containing  only  TiB2  could  have  a 
resistance  to  high  temperature  fracture  that  is  comparable  to  monolithic  Ni3  A1  with  the  advantages 
of  higher  a  strength-to-weight  ratio  and  stiffness  provided  by  the  reinforcement 
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Figure  5.  SEM  micrograph  of  a  region  in  the  gage  section  of  the  composite  specimen  tested  under 
180  MPa.  The  tensile  axis  is  in  the  vertical  direction  for  this  micrograph. 


Figure  6.  Relative  frequency  versus  cavity  size  for  both  matrix  grain  boundaries  and  Ni3Al/TiB2 
interfaces  in  the  composite  specimen  tested  under  180  MPa. 


42 


D.  Conclusioiis 


i)  The  stress  exponent  for  power  law  creep  for  bodi  unieinforoed  and  particulate  reinfcnced  NisAl 
produced  by  spray  deposition  is  about  3.5,  suggesting  that  the  creep  mechanisms  for  both 
materials  are  primarily  controlled  by  dislocation  glide  processes.  However,  the  composite 
specimens  crept  faster  than  the  unreinfoiced  NijAl.  It  appears  that  differences  in  the  grain 
moiphology  are  responsible  for  this  difference  in  creep  behavior.  Also,  soft  phases  resulting  from 
the  decomposition  of  SiC  in  the  composite  could  contribute  to  this  disparity. 

ii)  Monolithic  NisAl  exhibits  longer  creep  lifetimes  than  that  for  the  present  NisAl  matrix 
composite.  The  stress  exponent  magnitudes  for  the  monolithic  NisAl  he  composite  exhibits 
different  stress  exponent  magnitudes  for  minimum  strain  rate  and  rupture  time  indicates  that 
mechanisms  other  than  dislocation  creep  have  a  signiHcant  effect  on  the  rupture  time.  It  also 
suggests  that  the  dissolution  of  SiC  has  substantially  altered  the  creep  rupture  behavior  of  the 
matrix. 

iii)  Microstructural  observations  indicate  that  the  cavity  growth  rates  on  NisAl  grain  boundaries 
exceeded  that  for  cavities  on  the  NiaAl/TlBa  interfaces.  Since  grain  boundary  cavities  t^)pear  to 
nucleate  at  carbides  resulting  from  the  dissolution  of  SiC,  it  is  i^parrat  that  longer  lifetimes  could 
be  achieved  if  T1B2  is  co-injected  as  the  sole  reinforcement  phase  for  the  present  NisAl  alloy. 
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